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Boosted by the rapid advances of science and technology in the field of energy materials, Li-ion

batteries have achieved significant progress in energy storage performance since their commercial debut
in 1991. The development of nanostructured electrode material is regarded as one of the key potentials
for the further advancement in Li-ion batteries. This feature article summarizes our recent efforts in the

synthesis and characterization of nanostructured electrode materials for high-performance Li-ion
batteries. The electrode materials include manganese oxide nanowall arrays, vanadium oxide
nanofibers and films, vanadium oxide-carbon nanocomposites, lithium iron phosphate—carbon
nanocomposite films, and titanium oxide nanotube arrays. Enhanced Li* intercalation capacities,
improved rate capabilities and better cyclic stability were achieved by constructing micro- or
nanostructure, controlling materials crystallinity and introducing desired defects on the surface and/or
in the bulk. The fabrication of binderless and additive-free nanostructured electrodes for Li-ion

batteries via sol-gel processing is also highlighted.

1. Introduction

In the 21st century, environmental issues, limited irreversible
fossil-fuel supplies and the worldwide thirst for energy have
significantly advanced the exploration and development of
renewable energy technologies, such as solar cells, wind and
hydro-power.! However, better energy storage technologies are
always key issues due to the requirements of continuity and
portability of the power supplies in our modern life with constant
motion and desire for uninterrupted connection. Among the
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various available technologies for energy storage, Li-ion
batteries have become the prime candidates to power the next
generation of automobiles, and been listed as serious competitors
for small scale decentralized applications such as photovoltaics.?
This is due to the fact that Li-ion batteries offer the best
combination of high energy density, power density and output
voltage, and the technology relies on a rich and versatile chem-
istry providing a wide range of electrode materials resources.?
Li-ion batteries are comprised of three primary components:
a cathode and an anode separated by an electrolyte, the same
device structure as conventional batteries. The most commer-
cially popular electrode materials are graphite or titanium oxide
(TiO,) for the anode, and lithium salts (lithium cobalt oxide,
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LiCo0O,, lithium manganese oxide, LiMn,Q,, or lithium iron
phosphates, LiFePO,) or oxides (vanadium pentoxide, V,0Os, or
manganese dioxide, MnQO,) for the cathode. As illustrated
schematically in Fig. 1, during discharging of a battery, Li ions
are extracted from the anode and diffuse towards the cathode
through the non-aqueous electrolyte and a porous separator, and
subsequently are intercalated into the cathode, while the elec-
trons are transported from the anode to the cathode via an
external circuit. During charging, the Li ions and current flow in
the reverse direction, and this is realized by applying a certain
voltage from an external electrical power supply.* The reactions
within a Li-ion battery composed of LiFePO, as cathode and
TiO, as anode can be written as eqn (1)—(3):

Cathode: LiFePO, < Li; ,FePO, + x Li* + x e @))
Anode: TiO, + x Li* + x e & Li, TiO, 2)

Overall: LiFePO,4 + TiO, < Li;_,FePO, + Li, TiO, 3)

Li-ion batteries store electrical energy as potentially available
chemical energy, and the energy storage process in Li-ion
batteries requires Faradic oxidation and reduction of the elec-
trochemically active materials to release charges, which can
perform electrical work when they flow between two electrodes.
The Faradic reactions in Li-ion batteries usually occur with
phase changes.> Thermodynamically the potential difference
between two electrodes of a battery is constant throughout the
discharge or charge process (Fig. 2 (a)). In comparison, the
charge storage process is non-Faradic in a double-layer capa-
citor, and the voltage on the capacitor changes linearly with the
number of charges. The discharging/charging behavior of ideal
batteries and capacitors is shown in Fig. 2 (b). The real dis-
charging/charging curves of electrode materials often show
sloping manner, which is related to the crystallinity, crystallite
size, crystal structure or intercalation mechanisms. The storage
energy of a battery is presented by the area under the potential—
capacity curve, and calculated by the integral of the product of
potential V" and charge Q.

E=[rdo (4)
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Fig. 1 A schematic drawing showing a complete Li-ion battery. During
the discharging process, Li* diffuse from the anode (negative side) to the
cathode (positive side) through the Li* conducting electrolyte, while
electrons flow from the anode to the cathode via an outer circuit.
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Fig. 2 Comparison of discharge/charge behavior of (a) an ideal battery
and (b) an ideal double-layer capacitor.

There are a few criteria which are essential to evaluate and
illustrate the characteristics of the materials for Li-ion batteries:
Li* intercalation capacity and energy storage, discharge/charge
rate (rate capability) and discharge/charge cycle life (cyclic
stability). Li* intercalation capacity relies on the number of
accessible Li* intercalation sites within the material, and the
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energy storage is decided by both capacity and working voltage.
Rate capability is determined by the kinetics of Li* diffusion and
charge transfer in solid electrodes during Li* intercalation/dein-
tercalation. The charge and discharge processes in a Li-ion
battery often involve irreversible structural or/and phase trans-
formations during interconversion of the electrode materials,
which brings about the decay of cycle life in Li-ion batteries.
Nanomaterials offer unique mechanical, electrical and optical
properties endowed by the confined dimensions with alarge
surface area, surface energy and accommodation of volume
changes,® therefore nanostructured electrode materials for Li-ion
batteries have been widely investigated, and high Li* storage
capacities with good rate capabilities and cyclic stabilities were
observed.””

The new concepts of improving electrode materials perfor-
mance for Li-ion batteries are focused on engineering nano-
structures, crystallinity and surface chemistry for enhanced
lithium ion intercalation capability.”!%!! There have been a good
number of studies on nanostructured electrode materials for Li-
ion batteries based on the above aspects. The one-dimensional
(1D) V,0s5 submicro-belts prepared by the sol-gel method
exhibited high initial discharge capacity of 346 mAh/g and stayed
at 240 mAh/g after 20 cycles.’? V,05 nanofibers formed by the
electrospinning technique followed by hydrothermal treatment
possessed 350 mAh/g electrochemical capacity with close to
100% coulombic efficiency in these V,0s nanofibers.’* These
nanostructured materials have shown much improved electro-
chemical properties in comparison with conventional macro- or
micro-sized cathode materials for Li-ion batteries.'*!'S LiFePO,
was first synthesized and tested as a cathode material for Li-ion
batteries in 1997,''7 and it suffered from limited electronic
conductivity. Therefore carbon coating'®' or aliovalent cation
doping® have been explored to accelerate the Li* diffusion and
intercalation. For example, the electrochemically deposited
carbon coated LiFePO, (C-LFP)/polypyrrole (PPy) composite
cathodes demonstrated 92% of the capacity charged at 0.1 C
when rapidly discharged at 10 C (within 6 min).*! The much
enhanced intercalation properties could be attributed to the
optimized nanostructure, good electrical conductivity and charge
transfer from the carbon defects around LiFePO, nanoparticles.
Various nanostructured MnO, with different morphologies
(nanowires, nanorods, nanoneedles) and phases (o-, B-, v-)
possessed favorable electrochemical properties benefited from
the minimized Li* diffusion distance, poor crystallinity, fast
diffusion kinetics and decreased electrode polarization.?* A novel
hierarchically porous MnO, nanomaterial with a high surface
area of 142 m? g~' showed very high specific capacitance of 258 F/
g and a good reversibility due to its favorable phase, hierarchi-
cally porous structure and high surface area.?

Conventional Li-ion battery cathode electrode processing
includes mixing ~80 wt.% electroactive materials with ~8—10 wt.
% conductive additives (typically acetylene black) and ~10-
12 wt.% binder (typically poly(vinylidene fluoride), PVDF, dis-
solved in n-methyl-2-pyrrolidone, NMP, solvent), followed by
tape-casting onto current collectors.>»* Such fabrication
processes are being widely applied in both industrial products
and academic studies, however they suffer greatly from the
following: (1) increased processing cost and time by complicated
multi-processing steps, (2) poor accommodation of mechanical

strain and integrity which could decrease the cyclic stability of Li-
ion batteries, (3) low volume/mass energy density introduced by
electrochemically inactive binders and (4) possible side reactions
among binders, additives and active materials during battery
cycles affecting intercalation properties.?® Fabrication of bind-
erless and additive-free film electrodes has been carried out by
sputtering,?” pulsed laser deposition? and electrostatic sol-spray
deposition.?” Among all these alternative methods for battery
electrode processing methods, the sol-gel based solution method
could be one of the most cost-effective ways with easy manipu-
lation and control.

A sol-gel process is a wet-chemical method primarily used for
the fabrication of inorganic and organic, crystalline and amor-
phous materials.*® A sol refers to a colloidal suspension of very
small solid particles in a continuous liquid medium, which could
maintain stability under appropriate conditions (concentration,
pH value, composition, ezc.). A gel is a solid three-dimensional
cross-linked network spanning and entangling through the liquid
medium due to the surface tension effects, and the network
structure may be supported by physical or chemical bonds. Gels
can be categorized into different types: hydrogels, organogels,
xerogels, efc. A typical sol-gel process consists of two proce-
dures: hydrolysis (eqn (5)) and condensation (eqn (6)), which
occur both sequentially and in parallel.>* Condensation results in
the formation of nanoscale clusters, the morphology and
microstructure of which could be controlled by manipulating the
hydrolysis and condensation reactions.

M(OEt), + x H,O — M(OEt), _ (OH), + x EtOH  (5)

M(OEt), - ((OH), + M(OEt); _ (OH), —
(OEt)4 — «(OH), — {M-O-M(OEt)4 _ (OH), _ + HO  (6)

The sol-gel process is a cost effective and low-temperature
technique and it realizes fine control and molecular-level
homogeneity of the chemical product. The preparation of the
precursor sol can be followed by versatile materials fabrication
methods in making thin films or other nanostructured materials,
for example, dip coating or spin coating thin films on a substrate,
synthesis of nanospheres or nanobelts by the hydrothermal
method, and acting as the precursors for electrophoretic depo-
sition. The sol-gel process can be diversely used in nanoscience
and nanotechnology in the fields of optics, electronics, energy,
biosensors and medicine, and it can be applied for the synthesis
of complex compounds, which would be difficult for solid-state
reaction or other chemical methods.

In a previous feature article, Wang et al.?* reviewed fabrication
of vanadium pentoxide nanorods, nanotubes, core-shell nano-
cables, and tuning interlayer distance of hydrous vanadium
pentoxide thin films for Li-ion batteries via sol-gel processing
followed by drop-casting or template-assisted electrodeposi-
tion.*** The significantly enhanced Li* intercalation properties
were achieved in the vanadium pentoxide electrodes with special
nanostructure designs. In this feature article, we focus on our
recent research on various nanostructured electrode materials for
Li-ion batteries, including V,Os nanofibers and nanostructured
films, MnO, nanowall arrays, TiO, nanotube arrays and
LiFePO4,~C nanocomposite films. We demonstrate that
the much enhanced energy storage properties achieved in
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nanostructured electrodes are attributed to (1) large surface
energy and surface area for Faradic reactions and easy transport
of mass and charges in nanostructured electrodes, (2) poor
crystallinity and defects for easy phase transition and larger
intercalation capacity, and (3) intimately mixed carbon for better
electrical conduction for high specific power. All the electro-
chemical characterizations were carried out in a standard three-
electrode cell, with Pt foil serving as counter electrode, Ag/Ag* as
reference electrode and 1 M LiClO, in propylene carbonate as
the electrolyte. Cyclic voltammetry (CV) and chro-
nopotentiometry (CP) at different current densities and cyclic
stability were measured and compared with other reports. More
detailed experimental information and electrochemical proper-
ties will be discussed in the following sections.

2. Design and fabrication of nanostructured
electrodes

It has been widely studied and proved that the nanostructured
electrode materials for Li-ion batteries are endowed with these
characteristics:”'#%4! (1) short Li* diffusion path results in faster
intercalation/deintercalation process, which brings higher
specific power and better electronic/ionic conductivity; (2) high
surface area and surface energy provide more electrode—elec-
trolyte contact area, which offers more accessible intercalation
sites leading to higher capacity at charge/discharge rate; (3) new
thermodynamics and/or kinetics permit enhanced phase transi-
tions and rate capability during Li* intercalation/deintercalation;
(4) better strain accommodation and mechanical integrity during
Li* removal/insertion improve the cyclic stability.

From earlier studies on various nanostructured orthorhombic
V,0s: single-crystal V,0s5 nanorod arrays,**3¢ V,0s5-nH,O
nanotube arrays,*” Ni/V,0s-nH,O core/shell nanocable arrays,*®
V,05-nH,0 films,**** and V,05/TiO, composite nanorod arrays
and films.*** it was found that by engineering the nanostructure,
the intercalation properties and rate performances of vanadium
pentoxide electrodes were significantly enhanced in comparison
with conventional bulk vanadium oxide electrodes for Li-ion
batteries.?* The improved electrochemical properties could be
ascribed to the short Li* diffusion path, large surface areas as
well as the optimized interlayer structure.**

Recently we broadened our research interests and efforts into
diversified nanostructured electrode materials: mesoporous
hydrous MnO, nanowall arrays,**** mesoporous V,0s nano-
fibers,*” cathodic deposited nanostructured V,Os films*® and

M +20H" = Mn(OH),
l 2H,Q+ 2% = Hy+20H

LiFePO4—carbon nanocomposite films.* These nanostructured
materials via solution-based and template-less fabrication pre-
sented enhanced electrochemical properties with high Li* inter-
calation capacity and good cyclic stability, which demonstrate
their great potential as future electrode materials for Li-ion
batteries.

Manganese dioxide (MnQO,) can form a wide range of crys-
talline structures: o-MnQ,, &-MnQO,, B-MnQ,, y-MnQO,,*® and
due to its high Li* intercalation capacity of more than 200 mAh/g
with good cyclic stability, nanostructured MnO, has been
intensively investigated as promising electrode materials in
electrochemical capacitors and Li-ion batteries.?*?*5-%5 In our
lab, template-free hydrous MnO, nanowall array films were
deposited at a constant voltage of —1.8 V on a platinum (Pt)
coated silicon (Si) wafer on the cathode side out of a 0.1 M
concentrated solution with Mn(CH,COO),-4H,0 and Na,SO,
dissolved in deionized (DI) water.*>*¢ It was proposed that the
growth mechanism of the nanowall arrays was composed of the
three following steps: (1) electrolysis of water at the cathode
surface (eqn (7)), (2) increase in local pH in the vicinity of the
cathode which induced precipitation of Mn(OH), on the cathode
(eqn (8)) and (3) oxidation of unstable Mn(OH), into stable
hydrous manganese dioxide MnO,-0.5H,0 (eqn (9)) (Fig. 3 (a)).

2H,O + 2 — H, +2 OH- (7)
Mn?* + 2 OH~ — Mn(OH), (8)
2 Mn(OH), + O, — 2 MnO, + 2 H,0 ©9)

The SEM and TEM images in Fig. 3 (b,c) show the hierar-
chically grown highly porous nanostructured hydrous MnO,
nanowalls were composed of closely stacked spherical nano-
particles of 50 nm. A large Brunauer—Emmett-Teller (BET)
surface area of 96.2 m? g~! with a pore size distribution centered
at a diameter of 4.2 nm were measured, and this surface area was
higher than the template-fabricated mesoporous MnO, around
91 m? g1, MnO, nanowires of ~69 m? g~'5” and self-assembled
mesoporous-nanostructured manganese oxide of ~70 m* g '.*®

It was observed that the cathodic deposited MnO, nanowall
array films prepared at —1.8 V in 0.1 M precursor with a thick-
ness of 500 nm possessed a more favorable hierarchically meso-
porous structure with higher discharge capacities and better
cyclic stability in comparison with cathodic deposited MnO,
nanowall arrays of other thicknesses or the anodic deposited

Fig. 3 (a) Schematic drawing of the proposed growth mechanisms of hierarchically porous hydrous MnO, nanowall arrays derived from cathodic
deposition: due to the increased pH value resulting from water electrolysis (blue area has high pH value), the precipitation of Mn(OH), nanoparticles
from the electrolyte occurred accompanied with the release of H, gas bubbles at cathode surface; (b) SEM image of hierarchically structured nanowall
arrays; (c) TEM image of stacked nanoparticles in a nanowall with voids (pores).*
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Fig. 4 Comparisons of discharge capacities of cathodic deposited MnO, nanowall arrays (a) of different thicknesses for 30 cycles; (b) with anodic

deposited MnO, in the first 10 cycles.*

MnO; (Fig. 4(a,b)). The initial capacity was as high as 256 mAh/g,
then dropped to 239 mAh/g in the second cycle and remained
at 175 mAh/g after 30 cycles.*® The high discharge capacities
were related with the nanowall array structure with large
surface area and short diffusion path which are advantageous
for intercalation/deintercalation. The cyclic stability improve-
ment could be attributed to the mesoporous nanostructure of
cathodic deposited MnO, nanowall arrays, which could
accommodate more strain and provide mechanical integrity
during Li" insertion/extraction. Moreover the honeycomb
macroporous structure could facilitate the penetration and
accessibility of electrolyte to the bottom of the arrays.’**?
Vanadium oxide (V,0s) is one of the strong and favorable
competitors for cathode materials in Li-ion batteries, due to the
high Li* intercalation capacity (theoretical capacity 450 mAh/g),
faster discharge/charge rate, easy fabrication method and good
cyclic stability during Li* intercalation.®*"* Electrospinning is
a versatile and popular method to fabricate a rich variety of
nanostructured ultra-thin fibers, including organic, inorganic
and composite materials.”® In our lab, mesoporous vanadium
pentoxide nanofibers were fabricated using a combination of
electrospinning and sol-gel methods. The precursor for electro-
spinning was prepared from V,Os powders, H,O, and poly
(vinylpyrrolidone) (PVP) via the sol-gel route. The as-spun V,05
nanofibers were collected on Pt foils and further annealed in air
at 500 °C for 1 h, as shown in the SEM images in Fig. 5 (a,b).*”
The yellowish nanofibers were ~350 nm in diameter and tens of
microns in length and consisted of interconnected nano-sized
platelet particles with highly porous structure. The V,05 nano-
fibers presented pure orthorhombic phase with interplanar
distance and grain size estimated to be ~4.37 A and 15.5 nm

Fig. 5 SEM images of V,Os nanofiber after annealing at 500 °C in air
for 1 h (scale bar = 100 nm).*’

respectively. A large BET surface area of 97 m? g~! with the pore
size distribution centered at a diameter of 4-5 nm confirmed the
mesoporous structure composed of non-rigid aggregates of
platelet-like particles or assemblages of slit-shaped pores, which
were in good agreement with SEM observations.”’s

Fig. 6 (a) presents the CP curves of mesoporous V,05 nano-
fibers in the 1st cycle tested in a voltage range between —0.5 V
and 0.1 V (vs. Ag/AgCl) at a current density of 625 mAh/g. The
two well-defined plateaus in the —0.4 V to —0.3 Vand —0.2 V to
—0.1 V regions revealed the facilitated phase transitions during
Li* insertion/removal processes in this mesoporous nano-
structure. The initial discharge and charge capacities were
377 mAh/g and 372 mAh/g respectively. The charge/discharge
capacity of mesoporous V,05 nanofibers remained at 347 mAh/g
for the 10th cycle and a loss of 0.78% of the capacity per cycle
was observed for the following 30 cycles (Fig. 6(b)), which
demonstrated the higher Li* intercalation capacity with better
cyclic stability in comparison with other nanostructured V,Os
cathodes.*** This excellent electrochemical property of V,Os
nanofibers cathodes for Li-ion batteries could be attributed to
the high surface area and short charge transport distance within
20 nm provided by the mesoporous electro-spun V,Os nano-
fibers. Moreover the V,Os nanofibers with nanopores could offer
a better accommodation for volume change during Li* insertion/
extraction, and this results in an improved cyclic stability as
observed in this study.

As one of the important forms of nanostructured V,Os
materials, V,0s5 films fabricated by various methods have been
widely investigated: electrophoretic deposition,*-*53¢ anodic
deposition” and sputtering,®® etc. To the best of the authors’
knowledge, for the first time, V,Os thin films with unique
nanostructures were prepared by means of cathodic deposition
from an aqueous solution made from V,0s and H,0,. During
cathodic deposition, the V>* species from V,0s colloidal particles
and dioxovanadate cations, VO," (generated from V,Os and
H,0,"), got reduced on the surface of FTO glass at the
negative side (eqn (10-11)), which could serve as nucleation
centers initiating and catalyzing the formation of V,0s5-nH,O
through low pH conditions (eqn (12)):76798°

V.05 + 4 H* & 2 VO," + 2 H,0 (10)

VO,* + e — VO, (11)
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Fig. 6 (a) Chronopotentiometric discharge—charge curves of mesoporous V,0s nanofibers in the Ist cycle with a current density 625 mA g='. (b) The
discharge/charge capacity of mesoporous V,0s nanofibers as a function of cycle number.*’

2 [VOz:rr + nHzO i V205'HH20 +2 H* (12)

After annealing the as-deposited V,0s_ . -nH,O films at 500 °C
in the air, the V,O5 film showed a preferred oriented ortho-
rhombic phase with a crystallite size of 35.1 nm calculated from
XRD patterns (Fig. 7 (a)).*® The “wrinkled” nanostructure of
V,05 films was detected by SEM to be composed of fine nano-
crystallites of 20-30 nm separated by 10 nm gaps as shown in
Fig. 7 (b).

The cyclic voltammogram of a 500 °C annealed nano-
structured V,0s film in Fig. 8 (a) presented all the cathodic/
anodic peaks corresponding to four phase transitions among a.,
€, 0, v, and w phases within the potential range of 0.6-1.8 V (vs.
Ag*/Ag).5%" The partially reversible /o and 3/¢ phase transi-
tions were able to be observed in CV and this could become
a proof of facilitated thermodynamics and kinetics of phase
transitions. The rate capability tests (Fig. 8 (b)) showed high
discharge capacities at fast discharge rate: 160 mAh/g at 30 C;
120 mAh/g at 70 C. The high energy density (900 Wh/kg at 1.3 C)
and power density (28 kW kg~! at 70 C), enhanced phase tran-
sitions as well as the good cyclic stability could be ascribed to the
unique nanostructure in this research (Fig. 7 (b)): the 20-30 nm
nanocrystallites provided a shorter diffusion path for Li* inter-
calation/deintercalation, and the 10 nm wrinkled gaps offered
a higher surface area with more accessible intercalation sites
which favored the electrolyte penetration and interface reac-
tions.®*” This nanostructure could effectively enhance the phase

01
a + Orthorhombic V.0,
« Hydrous V,0,
V FTO substrate
e Joon v oo v i
I AL
o
(5]
1003 Annealed at 250C
/] 004,
sl L 7 P}
After dep at room e
A
10 15 20 25 30 35 40 45 50
2-theta

transition during Li* intercalation/deintercalation, as shown
from CV curves in Fig. 8 (a). This nanostructured V,0s films
could also offer more space freedom, therefore the film’s
mechanical integrity and stability during battery testing could be
well maintained which would result in a good cyclic stability.*®

Lithium iron phosphate (LiFePO,) has been attracting intense
interest both in academic and industrial fields because of its high
theoretical capacity of 170 mAh/g, flat voltage at ~3.4 V, and
good thermal and chemical stability.'® Moreover it offers
economic and environmental advantages of being low cost and
less toxic.®2#3 In our lab, uniform and crack-free LiFePO,/C
nanocomposite film cathodes were obtained by spreading
LiFePO, sol on a Pt coated Si wafer, followed by ambient drying
overnight and annealing/pyrolysis at elevated temperatures in
nitrogen gas. The crystallite size was calculated to be 19.4 nm in
LiFePO4~C composite films annealed at 600 °C.* Fig. 9 (a)
shows the SEM image of a 600 °C annealed LiFePO,/C nano-
composite film with a homogeneous distribution of carbon
particles in the film and some coated on the surface of LiFePO,4
particles, which was proved by EDX results.*” The charge
capacity of the LiFePO,/C nanocomposite film for the 1st cycle
was 167 mAh/g followed by a discharge capacity of 312 mAh/g
(Fig. 9 (b)), showing that the amount of Li* that intercalated into
the film exceeded the theoretical value for stoichiometric crys-
talline LiFePO,. The high intercalation performance could be
attributed to nanocrystallites sized under 20 nm which could
greatly enhance the phase transition during Li* intercalation/

100KV X100,000 WD 10.0mm  100nm

Fig.7 (a) XRD patterns of the as-deposited V,05_,-nH,O film, hydrous V,0s_.-nH,O films annealed at 250 °C and V,0Os films annealed at 500 °C in

the air. (b) SEM image of the 500 °C annealed V,Os film.*®
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deintercalation due to the high surface energy, and favor kinetic
processes including a short transport pathway and a high and
effective contact area with the electrolyte.®**¢ It has been inves-
tigated that for nanomaterials with nano-sized crystallites, the
contributions from pseudocapacitance and capacitance to the
total storage capacity could become non-negligible.*”* For
example, the capacitive contribution to the total stored charge in
TiO, (anatase) nanoparticles could become 55% to 15% when the
nanocrystallites were sized 7 nm to 30 nm respectively.®® The high
discharge capacities observed in this study could also be attrib-
uted to the pseudocapacitive contribution from LiFePO,4 nano-
crystallites.

3. Control of crystallinity

As discussed in the first section of this article, well crystallized
electrode materials usually assure well defined Faradic redox
reactions in electrochemical active materials during Li* interca-
lation/deintercalation, as indicated by the long and elegant
plateaus in potential-capacity curves (Fig. 2 (a)). However, those
electrode materials often suffer from limited capacity or poor
rate capability, due to the restricted Li* diffusion paths and

intercalation sites in the long-range well ordered structure in
perfect crystalline materials. Poor crystalline materials with loose
packing of ions and lack of long-range ordered structure could
offer more open sites for Li* intercalation which result in high
capacity. Poor crystalline materials may also provide better
accommodation of volume change during Li* insertion/extrac-
tion, and this could result in more facilitated Li* intercalation/
deintercalation paths with better cyclic stability. There have been
some studies on the poor crystalline materials, e.g., ZnSb, MnO,,
with excellent electrochemical performance for the electrodes of
Li-ion batteries.”"*?

Li* intercalation properties in V,0s have been demonstrated
to change appreciably by modifying its crystallinity or interlayer
spacing. The addition of 20 mol.% TiO, into V,0s films or
25 mol.% TiO, into V,0s5 nanorod arrays retards the crystalli-
zation of V,0s as well as the crystallite growth during annealing
process, and this results in an almost 100% improvement in Li*
intercalation performance over pure V,0s5 electrodes.**** It was
also found that by controlling the annealing temperatures for
V,05-nH,0 xerogel films, the crystallinity, compositions of
crystalline water and interplanar distances could be manipulated
to favor the Li* intercalations.?® For example, the optimized
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Fig. 9 (a) SEM image of LiFePO,/C nanocomposite films annealed at 600 °C. (b) The first and second charge/discharge curves of sol-gel derived
LiFePO,4/C nanocomposite cathode films annealed at 600 °C at a discharge rate of 200 mA g~'.*
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composition V,05-0.3H,0 films annealed at 250 °C exhibited the
highest initial Li* intercalation capacity of 275 mAh/g, and
retained a stable capacity of 185 mAh/g after 20 cycles, which
was better than the well crystallized orthorhombic V,Os films, or
V,05-1.6H,0 films at room temperature.

Most recently, we have studied the influence of crystallinity on
Li-ion intercalation properties in different electrode materials,
for example, LiFePO4/C nanocomposite film cathodes,* Mn-
doped V,0:s films,”® N, annealed V,0s5 films®* and TiO, nanotube
arrays,” and V,Os/carbon nanocomposites.®® It has been further
proved that the kinetics and thermodynamics of materials with
controlled crystallinity could be more favored by Li* intercala-
tion, which results in higher capacity and better cyclic stability.

Sol-gel processing derived LiFePO,/C nanocomposite film
cathodes were annealed in various temperatures from 500 °C to
800 °C in N, gas after spreading sols on Pt coated Si wafers.*
The XRD patterns of LiFePO,/C composite powders annealed
at 500 °C, 600 °C, 700 °C and 800 °C are shown in Fig. 10 (a).
The powders without annealing were amorphous since there was
no detectable peak in the XRD pattern; the patterns of powders
annealed at 500 °C, 600 °C, 700 °C and 800 °C exhibited the main
peaks of olivine LiFePO, phase, however with different intensity
and shape, which is related to increased crystallinity and ordering
of the olivine LiFePO, phase at elevated annealing temperatures
from 500 °C to 800 °C. The growth of crystallite size from
16.1 nm at 500 °C to 30.8 nm at 800 °C could also be calculated
from XRD patterns using Scherrer’s equation.

The Li* intercalation property for LiFePO,/C nanocomposite
films annealed at different temperatures (500-800 °C) at 200 mA
g ! were tested and are shown in Fig. 10 (b). The film annealed at
600 °C shows the best capacity and cycle stability, as it delivers
the highest discharge capacity of 312 mAh/g for the initial cycle,
and stays at 218 mAh/g after 20 cycles. In comparison, the 500 °C
annealed films delivered a high discharge capacity similar to the
600 °C films, however it is followed by a drastic drop and then
poor cyclic stability since the 3rd cycle. The initial Li* interca-
lation capacity for 700 °C and 800 °C films are 228 mAh/g and
120 mAh/g, which decrease to 148 mAh/g and 99 mAh/g after 20
cycles. This series of comparison shows that the LiFePO,/C
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nanocomposite films treated at 600 °C with controlled crystal-
linity possess the most beneficial structure for Li* intercalation.
The 600 °C films are less compact and more disordered in
comparison with the well crystallized phase, thus it provides
a more flexible structure which could accommodate more Li* and
facilitate the diffusion within this structure. The poor cyclic
stability within the 500 °C films could be ascribed to the over-
loosely packed microstructure which may experience irreversible
change or loose contact with current collector with increased
cycles. The 700 °C and 800 °C films have more compact and well
crystallized structures, which give limited freedom and restricted
space for Li* diffusion and intercalation, thus lower discharge
capacities are observed. The best electrochemical properties in
600 °C films could also be ascribed to the small crystallite size
below 20 nm, which favors the kinetics of phase transition during
Li* intercalation/deintercalation. A reduced crystallite size
decreases the polarization associated with electronic and/or ionic
resistance, and thus improves the reversible capacity. The larger
particles and crystallites in the films annealed at elevated
temperatures present as transport limitation both for Li* and
electron diffusion, which results in capacity loss.

It has been studied that by doping or adding different elements
into the V,0s system, the nucleation and crystallite growth could
be hindered, resulting in a lower crystallinity compared to the
undoped V,0s fabricated under the same conditions. Recently in
our lab, stable and homogeneous Mn-doped V,Os films were
prepared via sol-gel processing, in which H>,O, and V,05 as were
used as sol precursors and Mn** was directly added during sol
preparation.”® The films were dried at ambient temperature fol-
lowed by annealing in air at 250 °C for 3 h. The XRD patterns
(Fig. 11 (a)) showed that the pristine V,Os films possessed
diffraction peaks for both hydrous and orthorhombic V,0s
phases; while for Mn-doped V,Os films, there was only
a diffraction peak designated to hydrous V,Os and the broad-
ened peak represented a poorer crystallinity in comparison with
undoped V,Os films. The interlayer distances were calculated to
be ~11.3 A for Mn-doped V,0s films, slightly larger than ~11 A
for un-doped V,0s films, which could be due to the doping of
larger Mn** ions into V,Os lattice. The grain size of Mn-doped
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Fig. 10 (a) X-Ray diffraction patterns of sol-gel derived LiFePO,/C composite powders at room temperature and heat treated at 500 °C, 600 °C, 700 °C
and 800 °C. (b) Discharge capacities of sol-gel derived LiFePO,/C nanocomposite cathode films annealed at 500-800 °C at a discharge rate of 200 mA
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Fig. 11 (a) XRD patterns of a) V,0s films and b) Mn-doped V,0Os5 films. (b) The discharge capacity of V,0Os films and Mn-doped V,0O5 films, at
a current density of 680 mA g~!, potential ranging from 0.5 V to —1.4 V vs. Ag/Ag+.*?

V,05 films was calculated to be ~1.5 nm from XRD patterns,
smaller than the undoped V,Os films with ~3.5 nm. This showed
that the Mn doping has resulted in the suppression of the
formation of orthorhombic V,05 and grain growth.””*8

The cyclic performance revealed that the Mn-doped V,0s
films only lost less than 3.0% of the discharge capacity after 50
cycles, compared with 40% capacity loss for the un-doped V,Os5
films (Fig. 11 (b)). The improved Li* intercalation property could
be attributed to the effective Mn-doping retarding the nucleation
and grain growth during crystallization. The poor crystallinity in
the Mn-doped V,Os films could offer more Li* intercalation
sites, and alleviate the strain accompanying the Li* intercalation/
deintercalation. This structure results in a higher Li* intercala-
tion capacity and better cyclic stability.

Crystallinity could also be manipulated by annealing materials
in different gases, which could change the thermodynamic
conditions for nucleation and grain growth. V,05 xerogel films
were fabricated by spreading V,Os sol onto fluorine doped tin
oxide (FTO) glass substrates followed by annealing at 300 °C for
3 hin N, and air.** In comparison with air annealed V,Os5 films,
N, annealed films presented poorer crystallinity judging from the
broadened shape and lower intensity of the diffraction peaks
(Fig. 12 (a)). The grain size was calculated based on XRD
patterns, to be 14.3 nm for air annealed V,0s films, and 5.1 nm
for N, annealed films. The comparisons of chronopotentiometric
curves of air and N, annealed V,Os films for the 1st, 20th, and
50th cycle (Fig. 12 (b,c)) show: (1) the lack of plateaus and
sloping manner of charge/discharge curves show the evidence of
poor crystallinity in N, annealed V,Ojs films; (2) the N, annealed

V,0:s films start with a low Li* intercalation capacity (68 mAh/g),
which increase to 154 mAh/g at the 20th cycle, and decayed
a little to 148 mAh/g at the 50th cycle. This forms a huge contrast
with the well crystallized V,0s5 films, which show a high capacity
of 152 mAh/g for the initial cycle, and then dropped drastically to
74 mAh/g and 44 mAh/g at the 20th and 50th cycle. The
improved electrochemical property in poor crystalline materials
was also found in other materials systems,” and it could be
ascribed to the poor crystallinity nature and retarded grain size
growth after annealing samples in inert gases.

The effect of N, annealing and poor crystallinity to electro-
chemical properties were also confirmed in the study on N,
annealed TiO, nanotube arrays.®® TiO, nanotube arrays were
synthesized by anodic oxidation method recorded in reference on
titanium foil,’* followed by calcination from 300 °C to 500 °C
for 3 h in N, gas. The annealed TiO, tube arrays show anatase
phase with better crystallinity with increased annealing temper-
atures. The Li* discharge capacity and cyclic stability of those
TiO, tube arrays are compared in Fig. 13. The amorphous as-
grown TiO, tube arrays show a high initial discharge capacity as
202 mAh/g, however followed by a drastic drop since the 2nd
cycle until only 40 mAh/g for the 50th cycle, which shows similar
phenomena in amorphous TiO, electrodes.’®® The 400 °C and
500 °C annealed TiO, tube arrays show much better cyclic
stability, however the Li* discharge capacity is around 160 mAh/
g, which is much lower than 300 °C annealed samples. The
300 °C annealed TiO, tube arrays possess a high initial discharge
capacity of 240 mAh/g, and stay at 148 mAh/g after 50 cycles.
The combination of high Li* storage capacity and good cyclic

a HydrousV,05. ® OrthorhombicV;05.

* (o)

00CN; e
L

Intensity (a.u.)

T T T

(001) * 01) 1
300°C Air : g

s 10 15 0 25
20(°)

80 100 120 140 160
Capacity (mAh/g)

0 20 40 60

80 100 120 140 160
Capacity (mAl/g)

Fig. 12 (a) XRD patterns of V,05 xerogel films annealed in air and nitrogen at 300 °C after 3 h, showing the coexistence of both hydrous and
orthorhombic vanadium oxide; Chronopotentiometric discharge/charge curves in the Ist, 20th and 50th cycles at a current density 600 mA g~' of V,0s
films annealed in (b) air and (c) nitrogen at 300 °C for 3 h. Potential ranging from 0.6 V to —1.4 V vs. Ag/Ag*".**
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Fig. 13 Li* intercalation discharge capacity of amorphous as-grown
TiO, nanotube arrays, and anatase TiO, nanotube arrays annealed at
300, 400, and 500 °C in N, for 3 h as a function of cyclic numbers. The
potential was ranging from —0.6 V to —2.1 V vs. Ag/Ag" at a current
density of 320 mA g='.%%

stability could be ascribed to the poor crystallinity in 300 °C
annealed TiO, tube arrays. This poor crystallinity provides better
structural support for Li* insertion/extraction after many cycles
in comparison with the loose structure in as-grown amorphous
TiO, nanotubes. It also offers more available Li* intercalation
sites thus results in higher discharge capacity compared with
those well crystallized samples.

Coherent hydrous vanadium pentoxide (V,05-nH,0O)-carbon
cryogel (CC) nanocomposites were synthesized by dynamic
electrodeposition of hydrous vanadium pentoxide onto the
porous carbon scaffold, which was derived from resorcinol (R)
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and formaldehyde (F) organic hydrogels.®®* The resorcinol-
formaldehyde (RF) derived carbon cryogels (CCs) were prepared
through a series of processes including gelation, solvent
exchange, freeze-drying and pyrolysis,'*2% then the CCs films
were fixed between two Pt meshes and immersed in VOSO,
solution (pH = 1.8) for potentiodynamic electrodeposition,
which was carried out at a voltage ranging from 0.6 Vto 2.0 V vs.
Ag/AgCl for up to 300 cycles.”® Fig. 14 (a) shows the schematic
drawing of synthesis of nanocomposites by electrodeposition of
V,05-nH,0 inside the pores of CC films and this reaction (eqn
(13)) could be realized in aqueous solution at pH = 1.8 through
oxidation of V** to V3*.7

2V0* +3H,0 - V,05 + 6 H + 2 ¢~ (13)

The surface morphologies of as-fabricated V,Os-nH,O-
carbon cryogel (CC) nanocomposites were observed to be
homogeneous across the sample,”® which suggested a uniform
deposition of V,05-nH,0 throughout the porous carbon cryogel
films. This was further proved by pore size distribution derived
from nitrogen sorption isotherms (Fig. 14(b)) showing that the
peak pore size of CC films of 8 nm decreased to a smaller size of
6 nm after the deposition with a shrunk pore volume from
0.98 cm?*/g to 0.42 cm?/g. The reduction in the pore volume and
pore size were presumably due to the successful deposition of
V,05-nH,0 inside the porous carbon cryogel films, which took
some of the void space and resulted in the change of the porous
structure.
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Fig. 14 (a) Schematic drawings of the synthesis and microstructure of coherent nanocomposites in which V,05-nH,O was deposited and coated onto
surface of carbon cryogel scaffold. (b) The pore size distribution of V,0s-nH,O-carbon cryogels by nitrogen sorption isotherms. (c) Cyclic voltammetry
curves of hydrous V,0s, carbon cryogel, and V,05-nH,O-carbon cryogels in the voltage window between 0.5 V and —1.5 V vs. Ag/Ag" at a scan rate of
1 mV s7'. (d) The specific discharge capacity for V,05-nH,O—carbon cryogels and V,0s-rnH,O as a function of cycle numbers.”®
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Fig. 14 (c¢) compares the cyclic voltammograms of
V,05-nH,0-CCs nanocomposites, V,05-nH,O film and pristine
CC film electrodes at voltages ranging from —1.5 Vto 0.5 V (vs.
Ag/Ag*) with a scan rate of I mV s~!. Compared with the more
distinctive anodic and cathodic peaks related to Li* intercalation
and deintercalation observed in V,0s5-nH,O film, the coherent
V,05-nH,0-CC nanocomposites possessed broader and more
overlapped bumps, which could be attributed to the poor crys-
tallinity and different electrochemical potentials of Li* interca-
lation/deintercalation caused by dissimilar environments of V,0s5
surrounded by amorphous CCs. The CC film did not demon-
strate any anodic/cathodic peaks related to Li* intercalation/
deintercalation, which could well prove the attribution of
V,05-nH,0 to the Li* insertion/removal during charge/discharge
process. The specific Li* intercalation capacity of V,05-nH,O—
CC nanocomposites were 280 mAh/g initially and retained
257 mAh/g after 20 cycles, which was higher than the
V,05-nH,0 films showing initial specific capacity of 151 mAh/g
and dropped to 96 mAh/g for the 20th cycle as shown in Fig. 14
(d). The much improved electrochemical properties of
V,05-nH,O-CC nanocomposites could be attributed to the
shortened mass and charge diffusion distance and enhanced
electrical conductivity introduced by the porous carbon cryogel
scaffold. This porous nanocomposite structure also improved the
reversibility and mechanical support during charge/discharge
processes by offering extra accommodation of the stress accom-
panied with Li* insertion/removal.’® The large surface energy and
poor crystallinity in V,05-nH,O-CC nanocomposites could
allow easy phase transition and benefit the surface or interface
redox reactions, leading to a much expanded range of reversible
Li* intercalation/deintercalation processes.'®7-198\

4. Manipulation of surface chemistry and defects

Electrochemical intercalation comprises of three simultaneous
and sequential processes: (1) redox reaction at the interface
between electrode and electrolyte; (2) nucleation and growth of
new phase starting at the interface; (3) charge and mass transfer
from interface to electrode bulk. Surface defects are expected to
serve as nucleation sites to promote the phase transitions at the
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interface between electrode and electrolyte; defects in bulk may
favor the propagation or growth of new phases during charge
and discharge processes in Li-ion batteries. Therefore, Li*
intercalation capacity and rate capability could be enhanced by
manipulating surface chemistry and defects.'”!'* In addition,
defects could enhance charge transfer. Annealing samples with
reactive gas and substitutional doping are the common routes to
manipulate the surface chemistry or introduce defects into the
materials.’'* Aside from enhancing Li* storage energy and
improving kinetics, appropriate manipulation of surface chem-
istry and defects might also protect the nanomaterials on the
electrode surface from dissolving into the electrolyte after long-
time repeated intercalation/deintercalation cycles, therefore
effectively improve the cyclic stability of Li-ion batteries.™

We have conducted various experiments recently on the effects
of surface chemistry and defects on Li* intercalation/dein-
tercalation properties: CO gas annealed TiO, nanotube arrays,''?
N, gas annealed V,05 xerogel films,** cathodic deposited V,0s5
nanostructured thin films,*®* Mn doped V,Os films** and
LiFePO,/C nanocomposite films.*’ It was found that by manip-
ulating the surface chemistry or introducing defects, the inter-
calation properties and rate performances could be significantly
improved, and this could be ascribed to the facilitated nucleation
and phase transitions, as well as enhanced electrical conductivity
for charge transfer.

The V,0s xerogel films were annealed at 300 °C for 3hin N, and
air.** In comparison with air annealed V,Os5 films, N, annealed
films presented poorer crystallinity with much smaller grain size.
The optical absorption spectra of V,0Os films annealed in air and
N, are shown in Fig. 15 (a) with photographic images in the inset.
The dark green color showed in the N, annealed V,Os films
indicates the presence of V* and V?** valence states. The
comparison of absorption edges suggests a narrower bandgap for
N, annealed V,0j5 films, which could be due to the existence of
defects in lower valence states. The electrochemical impedance
analysis also confirmed an improved electrical conductivity in
V,0s films with defects, such as V**, V3" species and possible
associated oxygen vacancies in the N, annealed films.

The cyclic stabilities of N, and air annealed V,Os films are
compared in Fig. 15 (b), and it was found that the discharge
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Fig. 15 (a) Absorption spectra of V,Os films annealed in air and nitrogen at 300 °C for 3 h; the inset presents a photograph of films after annealing in air
(left) and nitrogen (right) at 300 °C for 3 h. (b) The Li* intercalation discharge capacities of V,0s films annealed in air and N, at 300 °C for 3 h as
a function of cycle number. The potential was ranging from 0.6 V to —1.4 V vs. Ag/Ag" at a current density of 600 mA g~'.**
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capacity of air annealed films dropped drastically from 152 mAh/
g for the 1st cycle to 44 mAh/g for the 50th cycle. Interestingly,
the discharge capacity of N, annealed films started low at
68 mAh/g for the 1st cycle, and rapidly increase to154 mAh/g at
the 20th cycle then retained 148 mAh/g at the 50th cycle. The
enhanced intercalation capacity with good cyclic stability could
be explained not only by crystallinity, but also by the surface
defects, such as V* or V*' species and associated oxygen
vacancies in the N, annealed films, which could (1) improve the
electrical conductivity and electrolyte—electrode interfacial
charge transfer ability;”® (2) act as coating layers preventing the
possible dissolution of V,0s films in the electrolyte and ensuring
integrity of film surface morphology after cycles;” (3) serve as
nucleation centers in the phase transitions during Li* intercala-
tion/deintercalation.’® Similar phenomena were observed in
nanostructured V,Os films with surface defects.!**114

The anodization derived TiO, nanotube arrays were calcined
at 400 °C for 3 h in respective dry gas flows of N, and CO."? The
electrochemical impedance spectra of CO and N, annealed
nanotube arrays are shown in Fig. 16 (a) and the electrode
resistance and charge-transfer resistance were calculated to be
66 Q and 38 Q for N, annealed TiO, nanotube arrays, and 60 Q
and 26 Q for CO annealed TiO, nanotube arrays, which indi-
cated a higher charge-transfer rate of Li* in the electrode of CO
annealed TiO, nanotubes. The XPS result (Fig. 16 (b)) of the
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Ti2p spectrum of CO annealed TiO, nanotube arrays proved the
existence of a small amount of Ti** (~456.8 e¢V) and Ti-C
(~454.9 V) in addition to the two characteristic Ti** peaks of
Ti2pi, at ~465 €V and Ti2ps., at ~459 eV.115116 The improved
charge-transfer conductivity of CO annealed TiO, nanotube
arrays observed in the impedance study could be attributed to the
presence of surface Ti—C species and Ti** and oxygen vacancy
groups detected in XPS.17-118

The cyclic stability studies of N, and CO annealed TiO,
nanotube arrays for Li* intercalation are shown in Fig. 16 (c) and
it was found that the CO annealed TiO, nanotube arrays
possessed a high Li* intercalation capacity of 223 mAh/g in the
initial cycle and retained 179 mAh/g after 50 cycles, which was
higher than N, annealed TiO, nanotube arrays with 164 mAh/g
and 145 mAh/g for the 1st and 50th cycles. A comparison of rate
intercalation capability between CO and N, annealed TiO,
nanotube arrays (Fig. 16 (d)) showed that the intercalation
capacity of N, annealed nanotube arrays reduced more rapidly
than CO annealed ones, and the CO annealed nanotube arrays
approximately doubled the intercalation capacities at higher
rate, e.g. 101 mAh/g and 50 mAh/g at 10 A g~' for CO and N,
annealed TiO, nanotube arrays respectively. The much enhanced
Li* intercalation properties in CO annealed TiO, nanotube
arrays could be explained by the increased electrical conductivity
and facilitated phase transition during Li* intercalation/
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Fig. 16 (a) Electrochemical impedance spectra presented as Nyquist plots of titania nanotube arrays annealed in N, and CO at 400 °C for 3 h and
measured in 1 M LiClO, in propylene carbonate with testing frequencies from 100 kHz to 0.05 Hz. The inset depicts the ideal impedance curve rep-
resenting the Li* intercalation process into electrodes. (b) Ti2p XPS spectra of TiO, nanotube arrays annealed in CO gas at 500 °C for 3 h with Ti-C
species and Ti** state detected. (c) The Li* intercalation capacity at 320 mA g=' of TiO, nanotube arrays annealed in N, and CO at 400 °C for 3 h as
a function of cycle number. (d) The initial discharge capacities of TiO, nanotube arrays annealed in N, and CO at 400 °C for 3 h as a function of applied

discharge current density.'*?

9980 | J. Mater. Chem., 2011, 21, 9969-9983

This journal is © The Royal Society of Chemistry 2011



deintercalation by the presence of surface defects, Ti—C species
and Ti** with oxygen vacancies, which could facilitate charge
transport accompanying rapid intercalation reactions at the
interface. Moreover these defects could serve as nucleation sites
to promote phase transitions during Li* intercalation and this
results in a higher intercalation capacity under high current
densities.

Doping is one of the most effective methods to introduce and
distribute defects homogeneously into the bulk of materials. Mn**
was directly doped into V,0s films during sol preparation, and
XPS results showed that there was ~18% of V** in the Mn-doped
V,0s5, and the presence of V** was most probably associated with
oxygen vacancies by charge compensation. ** Fig. 17 presents the
Li* intercalation capacity as a function of current density for
V,05 films and Mn-doped V,0s films. It clearly shows that the
discharge capacity of Mn-doped V,0O5 films is higher than that of
undoped V,0s films at identical current density, which demon-
strates a better kinetics and much improved rate capability in
Mn-doped V,0s5 films compared to undoped V,Os films. The
cyclic performance after many cycles of Li* insertion/extraction
in Mn-doped V,0s films is also better than the undoped V,Os5
films (Fig. 11 (b)). The excellent intercalation property in Mn-
doped V,0s films can be ascribed to the following three aspects:
(1) the presence of oxygen vacancies could result in the formation
of more open structure and easy access for Li* intercalation and
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3
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Fig. 17 Relationship between discharge capacity and current density for
undoped V,0s5 and Mn-doped V,Os, the potential was ranging from 0.5
Vito—14Vvs Ag/Agt.
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diffusion, which results in better cyclic stability and faster
intercalation; (2) the oxygen vacancies may serve as possible
nucleation centers for phase transition offering more intercala-
tion sites; (3) the conductivity of Mn-doped V,Os can also be
enhanced owing to the presence of lower valence vanadium ions
and associated oxygen vacancies, which could be beneficial for
charge transfer during Li* intercalation/deintercalation.

The sol-gel route derived LiFePO4/C nanocomposite films
were introduced in previous sections for their excellent Li*
intercalation performance due to their nanostructure and poor
crystallinity.*® In this section, we will discuss the electrochemical
properties from the third aspect—carbon nanocoating as surface
defects. A schematic drawing (Fig. 18 (a)) demonstrates the
distribution and co-existence of carbon with LiFePO,. The
carbon residue from ascorbic acid forms an amorphous nano-
network in LiFePO4/C nanocomposite films, connecting the
individual LiFePO, particles; carbon also wraps around the
LiFePO, particles, and acts as both a nano-coating to improve
the electrical conductivity and surface defect to enhance the Li*
diffusion. The conventional electrode process adds 15-20 wt% of
conductive additives (carbon black efc.) and binder (PVDF etc.)
to the active materials with particle sizes of micrometre scale,
which often gives an inadequate contact between particles thus
impeding the effective Li* diffusion in certain areas. In addition,
the additives and binders bring in noticeable mass which further
results in a low specific energy and power density counted for the
whole electrode. In contrast to the conventional configuration,
the carbon network and nano-coating introduced by sol-gel
chemistry in this work guarantees a better electrical conductivity,
enhanced Li* diffusion and higher electrochemical performance
as discussed below.

The charge—discharge performance at different charging rates
of LiFePO,/C nanocomposite film cathodes annealed at 600 °C is
shown in Fig. 18 (b). The as-prepared LiFePO,/C nano-
composite film cathodes demonstrate a high initial specific
discharge capacity of 327 mAh/g at a current density of 100 mA
¢ ' (0.6 C). When the current density is 200 mA g' (1.2 C), the
initial capacity is 312 mAh/g, and the initial capacities show
171 mAh/g and 139 mAh/g at higher rates of 300 mA g~' (1.8 C)
and 500 mA g~! (3 C) respectively. The high discharge capacity at
fast intercalation rates in LiFePO,/C nanocomposite films could
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Fig. 18 (a) A schematic drawing comparing traditional electrode composed of active materials, conductive additives and binders (left), and sol-gel
derived LiFePO,/C nanocomposite cathode films, with LiFePO,4 nanocrystallites and carbon nanocoating (right). (b) Li* intercalation capacities of sol—
gel derived LiFePO4/C nanocomposite cathode films annealed at 600 °C as a function of cycles under different discharge rates.*
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be explained not only by the nano-sized LiFePO, crystallites and
poor crystallinity, but also the carbon nano-coating wrapping
around LiFePO, particles. Serving as both surface defect and
enhanced electronic conductive layer, the carbon nano-coating is
beneficial for nucleation, phase transition and charge transfer,
which are the three main processes during Li* intercalation/
deintercalation.

5. Concluding remarks

This feature article summarized the most updated studies in our
group, on constructing nanostructured electrode materials,
controlling crystallinity of materials and manipulating surface
defects to achieve much enhanced Li* intercalation properties.
The nanostructured electrode materials can possess much
enhanced Li* intercalation performance due to the large surface
energy favoring the phase transition and reduced diffusion path
providing improved transport properties. In addition, the
extraordinarily large surface area offers better accessibility to the
electrolyte resulting in more intercalation sites. Nanostructured
electrodes also allow the easy volume change accompanied with
the Li* insertion and extraction. Electrode materials with poor
crystallinity and/or bulk or surface defects all exhibit better Li*
intercalation properties, due to their higher energy state, more
open structure, and more reaction sites. The electrode materials,
nanostructured or with poor crystallinity or with defects,
described in this paper all possess higher Gibbs free energy than
that of a perfect bulk crystal counterpart; in other words, they
are all far from thermodynamic equilibrium. The electrodes away
from equilibrium may offer a new direction of research for the
advancement of electroactive materials to achieve much
improved Li* intercalation properties and, thus, lead to the
development of more efficient Li-ion batteries.
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